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Light emission from silicon and germanium nanostructures has 
been of great interest for some time now owing to the need for 
silicon-based light sources for applications in silicon 
optoelectronics and photonics. Both silicon and germanium 
possess indirect band gaps, which makes them very inefficient 
light emitters. Band gap engineering employing quantum wells, 
wires, or dots has been proposed as one way to overcome this 
limitation and, in the past, Si/Ge, Si/SiO2, or Si/SiGe-alloy thin-
multilayer nanostructures grown on Si have been produced on this 
principle, and although light emission with a greatly improved 
efficiency has been obtained at low temperatures the emission at 
room temperature is still very weak, because of exciton 
dissociation. Recent advances in band gap engineering technology 
have resulted in the development of different systems 
incorporating one-, two-, and three-dimensionally confined Si-Ge 
nanostructures that produce bright light in the visible to near 
infrared. Here, the novel optical properties of various such 
nanostructures are reviewed. 
 
 

Introduction 

 
Light emission from Si and Ge nanostructures (NSs) has been of great interest in recent 
years (1�4) owing to the need for silicon-based light sources for applications in silicon 
optoelectronics and photonics (5,6).  Optical interconnects are required these days for on-
chip technology as an alternative to metal wires, because of data transmission bottlenecks 
introduced by their unavoidable delay times, significant signal degradation, problems 
with power dissipation, and electromagnetic interference. Two major avenues toward 
optical interconnects on a chip include a hybrid approach with III-V densely packaged 
optoelectronic components and the all-group-IV approach (mainly Si, Ge and SiGe), 
where all the major components, e.g., light emitters, modulators, waveguides and 
photodetectors, are monolithically integrated into the CMOS environment (5,6). Both Si 
and Ge possess indirect band gaps, which makes them very inefficient light emitters (1). 
Band gap engineering employing quantum wells, quantum wires or quantum dots has 
been proposed as one way to overcome this limitation and Si/Ge or Si/SiGe-alloy thin 
multilayer quantum well structures grown on Si have been produced on this principle, 
and although light emission with greatly improved efficiency has been obtained at low 
temperatures the emission at room temperature is still very weak, because of exciton 
dissociation (1,5,7). Recently, through employing novel band-gap engineering strategies, 
several different entirely new bright light-emitting Si/Ge nanostructures including one 
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possessing a direct gap have been prepared. The latter structure is based on constructing a 
new super unit cell comprised of multiple planar epitaxial layers of Si and Ge grown on 
(001) Si0.4Ge0.6 (8). Others are based on silicon-germanium layers grown epitaxially on 
silicon in such a way as to form multiple layer three-dimensional nanostructures 
(quantum dots) (9,10). A simple and efficient electrochemical process that combines 
galvanic reaction and focused-ion-beam lithography to selectively synthesize gold 
nanoparticles has been developed that can be used to grow ordered SiGe nanowire arrays 
with a predefined diameter (200 nm) and position (11,12). Here, the light emitting 
properties of these and other similar Si/Ge nanostructures that have been found to 
luminesce efficiently at wavelengths in the important spectral range of 1.1����� ��� 	
��
compared for their possible use in optoelectronics and photonics. Emphasis is placed on 
the work carried out at the National Research Council of Canada over the last three 
decades. 
 

Optical Evidence for Quantum Confinement Effects in Porous Silicon 

 

Porous silicon (p-Si) was discovered over 60 years ago by Uhlir at Bell Telephone 
Laboratories, USA (13,14). The porous material is created by electrochemical dissolution 
in HF-based electrolytes. Hydrofluoric acid, on its own, etches single-crystal Si 
extremely slowly, at a rate of only nanometers per hour. However, passing an electric 
current between the acid electrolyte and the Si sample speeds up the process considerably, 
leaving an array of deep narrow pores that generally run perpendicular to the Si surface. 
Pores measuring only nanometers across, but micrometers deep, have been achieved 
under specific etching conditions (15,16). The evenly-spaced pore structure was 
explained in terms of available paths for the etching current, with each pore surrounded 
by an insulating layer of material depleted of electrons. After many years of basic 
research on the chemical and physical properties of p-Si, the formation mechanism of the 
network of pores is now largely understood and the resulting porous microstructure 
depends critically not only on the HF acid concentration and anodization parameters 
(current density or voltage) but also on the type and doping level of the Si crystal (17,18). 
The Si skeleton left behind has been shown to retain the substrate crystallinity, but with a 
small lattice expansion compared to bulk Si (19). In the mid-1970s, p-Si was already 
being considered for use as a dielectric in the development of silicon-on-insulator (SOI) 
technology for very-large-scale integrated circuits (17,20,21). It is only comparatively 
recently that the optical characteristics of p-Si have been explored in detail. In 1984, 
Pickering et al. (22) reported on low temperature luminescence in p-Si anodized under a 
range of conditions and noted a band at higher energy (above the bulk-Si band gap) that 
shifted up in energy with decreasing p-Si density, but they did not investigate the 
emission properties at room temperature. The complexities that have arisen in the 
interpretation of the photoluminescence (PL) were already apparent in this fundamental 
work. 

 
In July 1989, Canham conceived the idea of fabricating Si quantum wires in p-Si 

by reverting to the much slower chemical HF etch after the electrochemical etch (23). In 
this way he proposed to join up the pores leaving behind an irregular array of undulating 
free standing pillars of crystalline Si (c-Si) only nanometers wide. In 1990, Canham (24) 
remarkably observed intense visible PL at room temperature in p-Si that had been etched 
under carefully controlled conditions. Visible luminescence ranging from green to red in 
color was soon reported by Canham et al. for other p-Si samples and ascribed to quantum 
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size effects in wires of width ~ 3 nm (24,25). Independently, Lehmann and Gösele (26) 
reported on the optical absorption properties of p-Si. They observed a shift in the bulk Si 
absorption edge to values as high as 1.76 eV that they also attributed to quantum wire 
formation. Tremendous activity on research into the physical and associated chemical 
characteristics of p-Si ensued from these early reports with, unfortunately, some 
duplication of effort, and a great diversity in their luminescence properties was observed 
(27). At the National Research Council we quickly joined in this momentous work and 
from a detailed investigation of the optical properties of p-Si we concluded that there is 
strong optical absorption evidence for quantum confinement effects in c-Si NSs within p-
Si and that the red-orange PL also exhibits a weaker quantum confinement effect (28�33). 

 
Transmission electron microcopy and Raman scattering spectroscopy has shown that 

in our p-Si samples the porous material is in the form of mainly sphere-like nanocrystals, 
and thus we refer to the nanostructures as spherites (28). A typical optical transmission 
curve obtained by at room temperature from a p-Si membrane sample is shown in Fig. 1 
together with the corresponding PL spectrum (30). It is very noticeable that the PL peak 
energy is at a lower energy than the optical absorption edge. This behavior is even more 
evident when the band gap energy obtained from the optical absorption spectrum is 
compared for a number of samples of different average diameter, as shown in Fig. 2 (30). 

 

 
 

Figure 1.  Room temperature transmittance and PL spectra for a p-Si membrane 
comprised of 3.1 nm spherites. 
 

The PL data in Fig. 2 is in remarkably good agreement with the predictions of simple 
effective mass theory for quantum dots (28) and this justifies further interpretation within 
quantum confinement models. A more sophisticated calculation within a linear 
combination of atomic orbitals (LCAO) framework for c-Si spheres with hydrogen 
passivated surfaces (34) has predicted a d-1.39 dependence of the optical gap on the sphere 
diameter, d. Other calculations for dots (35,36) in a variational envelope function 
approach produced similar results. The calculated energy gap behavior (34,35) has been 
shown (27) to be in excellent agreement with optical absorption data for p-Si spherites 
(29,30,37) and c-Si spheres (38). However, the calculation by Proot et al. (25), which is 
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such a good fit to our absorption data, lies generally above the PL data, as shown in Fig. 
2. A similar LCAO calculation has been undertaken for c-Si wires (39) and the predicted 
energy gap dependence on the wire diameter, which is similar to that obtained from 
several other theories (27), is also plotted in Fig. 2. The wire theory curve is in closer 
agreement with the p-Si PL data, as could be expected. However, to permit this more 
satisfactory comparison with quantum wire theory the extreme and unlikely case of 
uniform wires has to be taken, and thus the energy difference between the absorption and 
emission data remains unexplained. 
 

 
 
Figure 2.  Spherite diameter dependence of the PL peak energy and optical absorption in 
p-Si samples at room temperature. The solid line is the effective mass model prediction 
for the optical energy gap in c-Si spheres, while the broken and short dash-dot lines are 
the theoretical predictions for quantum dots and wires, respectively. 
 

The difference between the predicted energy gap for spheres, as confirmed in our 
experiments, and the lower energy of the PL peak has to be attributed to the emission 
mechanism. In the vibronic model, this difference is associated with phonon-assisted 
transitions employing c-Si phonons of energy ~65 meV. The difference between dot 
theory and experiment evident in Fig. 2 is ~100 meV at 5 nm nanoparticle diameter, but it 
increases with decreasing diameter to ~400 meV at 3 nm, and is thus incompatible with a 
vibronic model. That is because in the vibronic model, multiphonon assisted transitions 
are required where the average number of phonons involved would have to increase with 
deceasing nanoparticle diameter, which is not normally the case. For our samples, some 
additional energy loss must occur in the absorption-emission process prior to emission to 
account for this large difference at small diameters. As the samples have all been treated 
in the same way after electrochemical etching, we thought at the time that it was unlikely 
that the blue shift in the PL with decreasing nanoparticle diameter is due to some change 
in the surface chemistry, and that this would seem to rule out explanations based on 
surface recombination models. We considered other models such as the formation of 
bound excitons and the creation of localized excitons due to trapping by donor-like and 
acceptor-like states (29). It was not until much later that the true cause of the red PL 
observed in most p-Si samples was identified (40). It was, in fact, related to a specific 
surface defect in p-Si created by surface oxidation subsequent to drying the sample � new 
electronic states appear in the band gap of the smaller quantum dots when a Si=O bond is 
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formed � that produced PL at the observed energy and also exhibited a weak quantum 
confinement effect. The true intrinsic PL in p-Si is thus only observable when the surface 
oxidation can be eliminated though effective surface passivation by other methods, such 
as with Si-H bonds (40) or thermal (non-catalytic) reaction with alkenes and aldehydes 
(41�46). The latter method leads to high stability (41�46). 

 
Despite this early promise as a room-temperature light emitter, p-Si has not yet been 

employed as a light emitter in optoelectronics due to the difficulty of integrating it into 
CMOS production. 

 
Disordered Silicon Quantum Wells 

 
The simplest approach to investigating quantum confinement effects in Si is to grow 

well-defined thin quantum wells of Si separated by wide band gap barriers. Suitable 
barrier candidates are SiO2, CaF2, and Al2O3 (47), and SiO2 has the additional advantage 
of being an excellent passivator of Si (48). Although a number of Si/barrier superlattices 
have been produced in the past (49) none had produced convincing evidence for quantum 
confinement induced emission until 1995. In 1995, Lu et al. (50) reported visible light 
emission at room temperature from ultrathin-layer Si/SiO2 superlattices grown by MBE 
that exhibited a clear quantum confinement shift with Si layer thickness, as shown in Fig. 
3. According to effective mass theory and assuming infinite potential barriers, which is a 
reasonable approximation since wide-gap (9 eV) 1-nm-thick SiO2 barriers are used, the 
energy gap E for one-dimensionally confined Si should vary as 
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where Eg is the bulk material band gap and me* and mh* are the electron and hole 
effective masses (51). This simple model is a reasonable first approximation to compare 
with experiment for quantum wells (52). The shift in PL peak energy with Si well 
thickness d is well represented by Eq. (1), as can be seen in Fig. 3, with E(eV) = 1.60 + 
0.72d�2. The very thin layers of Si (1 < d < 3 nm) have a disordered (d-Si), but nearly 
crystalline, structure owing to the growth conditions and the huge strain at the Si�SiO2 
interfaces (53). However, by reducing considerably the SiO2 thickness below 1 nm, 
epitaxial growth of the Si layers can be achieved via small holes in the SiO2 film (54). 
The fitted Eg of 1.60 eV is larger than that expected for c-Si (1.12 eV at 295 K), but is in 
excellent agreement with that of bulk a-Si (1.5�1.6 eV at 295 K). The indications of 
direct band-to-band recombination were confirmed by measurements via X-ray 
techniques of the conduction and valence band shifts with layer thickness (50,55). The 
fitted confinement parameter of 0.72 eV/nm2 indicates me��
�mh��
��������	
	�����������
effective masses of c-Si at room temperature (51).  The integrated intensity at first rises 
sharply with decreasing Si thickness until d 
��������	�����������
�	����	�	�������������
consistent with quantum well exciton emission (56,57). The PL intensity is enhanced by 
factors of up to 100 upon annealing and is also selectively enhanced and band-width 
narrowed by incorporation into an optical microcavity (58). In a higher quality cavity, a 
very sharp (17 meV full width at half maximum) PL peak has been observed (59). 
 
 

ECS Transactions, 89 (3) 3-35 (2019)

7
) l CC Li i l ( b t t)dl / it /tdd R di t ib ti bj t t ECS t f (128 235 251 160D l d d 2019 05 25 t IP



 

 
 
Figure 3.  The PL peak energy (open circles) and integrated intensity (full circles) at 
room temperature in d-Si/a-SiO2 superlattices as a function of Si layer thickness. The 
solid line is the fit to the peak energy by effective mass theory. 
 

The bright PL obtained from these and other (60) as-grown and annealed Si/SiO2 
superlattices (see Fig. 4) offers interesting prospects for the fabrication of a Si-based light 
emitter that can be tuned from 500 to beyond 800 nm by varying the Si-layer thickness 
and/or the annealing conditions, all using available vacuum deposition technology and 
standard Si wafer processing techniques. The next important step is to develop LEDs 
based on such superlattices. Several prototype devices have been constructed in Si/SiO2 
(61�64) and Si/CaF2 (65) and all report visible EL, although there is no strong evidence 
that the emission originates from confined states in the Si quantum wells. The EL from 
the Si/SiO2 superlattices is notably stable (61,62). 

 

 
 

Figure 4.  Room temperature PL from a patterned (d-Si/SiO2)100 superlattice, with a 
periodicity of 2.6 nm, that was post-annealed in air at 1100 °C for 0.5 h. The PL was 
excited with an Ar laser operating at 457.9 nm and having a power density of ~50 
mW/cm2 at the superlattice surface. The actual size of the logo is ~20×20 mm2. 
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Crystalline Silicon Quantum Wells 

 
As discussed above, the d-Si/a-SiO2 system has received the most attention and direct 

evidence of quantum confinement induced PL has been obtained. However, the as-grown 
thin Si films (< 3 nm thick) proved very difficult to crystallize by thermal annealing due 
to strain effects induced by the amorphous SiO2 (a-SiO2) barriers (53,66). In other 
investigations of single Si quantum-wells formed by the separation by implanted oxygen 
(SIMOX) process, strong optical recombination of carriers was observed at the c-Si/a-
SiO2 interfaces (67�69) together with selective excitation evidence for a weak intrinsic 
PL (68). Thus, a detailed experimental study of quantum confinement effects in c-Si/a-
SiO2 had not been possible for ultrathin silicon layers. Such studies are important for 
comparison with theory, which is incapable at present of predicting the optical properties 
of quantum confined d-Si. Then in 2002, Lu and Grozea (70) demonstrated the 
preparation of single nanometer-thick c-Si/a-SiO2 quantum wells based on oxidizing and 
etching Canon epitaxial layer transfer (ELTRAN) Si-on-insulator (SOI) wafers. Canon 
ELTRAN technology uses wafer bonding to fabricate the SOI wafer, which has the 
benefits of an epitaxial silicon layer that is atomically smooth and free of particles or pits 
(71). This atomically flat Si/SiO2 interface is essential for electronic applications of SOI 
wafers and is the key factor in producing silicon quantum wells only a few atomic layers 
thick. The SOI wafer has a 200 nm thick buried oxide layer surmounted by a transferred 
epitaxial (100) Si layer about 50 nm thick. To bring the silicon layer thickness down to a 
few nanometers, furnace dry oxidation was first used to oxidize the Si layer and thereby 
reduce the c-Si film thickness to 5�10 nm. To produce c-Si films with a thickness of just 
a few atomic layers, the film was then thinned down atomic-layer-by-atomic-layer by 
using a combination of room-temperature UV-ozone oxidation and wet chemical etching, 
according to the method described in Ref. (70). The resulting c-Si film thickness was 
determined by X-ray photoelectron spectroscopy (70,72). 

 
Representative results obtained from PL measurements at room temperature of such 

single wells (73�76) are shown in Fig. 5. The overall intensity of the PL was quite weak, 
but consistent with a single quantum well as opposed to the multiple well samples 
discussed above. In general, the overall PL intensity increased at first with decreasing 
layer thickness and then decreased again (see Fig. 5), much as was observed for d-Si 
wells, (51) while the overall PL line width increased. The temperature dependence of the 
PL spectrum (77) of one sample is shown in Fig. 6 and these results are quite revealing. 
They indicate that the PL envelope actually comprises two bands, one at about 1.79 eV at 
4 K and the other at around 1.84 eV. (The differences in PL line shape at 300 K, as 
compared to the spectrum for the same sample given in Fig. 5, arise from the different 
responsivities of the two sets of PL equipment.) The two bands do not exhibit strong 
temperature dependences in their integrated intensities, line widths, or positions, but the 
1.8 eV band becomes more evident at lower temperatures. Other samples gave similar 
results with respect to the temperature dependences of the band parameters and also 
indicated the presence of two bands. The PL line shape could be readily curve-resolved 
into two bands, as shown in Fig. 5. The presence of these two overlapping bands explains 
the apparent overall PL intensity and linewidth variation with Si layer thickness. 
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Figure 5.  Room temperature PL from single c-Si/a-SiO2 quantum wells of different 
thickness. The PL line shape has been fitted with the two bands (indicated by the solid 
line passing through the data points) shown below by the solid lines. The dashed line is 
the fitted background. 
 

 
 

Figure 6.  Temperature dependence of the PL from a 1.3 nm thick single c-Si/a-SiO2 
quantum well. 
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Figure 7.  Experimental results (�,�) for the energies of the two PL bands of single c-
Si/a-SiO2 quantum wells as a function of well thickness compared with the theory of 
Agrawal and Agrawal (�) (78) and Carrier et al. (×) (79). The solid line is an 
interpolation of the theoretical data. The error bars represent the standard deviation in the 
peak energy determined from the fits. The horizontal solid line is a least-squares fit to the 
data of peak number 1. 
 

The fitted PL band energies as a function of c-Si layer thickness are plotted in Fig. 7. 
The energy of peak number 1 scarcely varies with Si layer thickness, while peak number 
2 exhibits a strong dependence on this thickness. The second band could not be detected 
for samples with layer thicknesses greater than 1.3 nm, including one sample with a layer 
thickness of 4.26 nm. This would imply that the band peak energy was lower than the 
instrumental detection limit of 1.45 eV. The band gap energy variation predicted from 
theoretical calculations based on self-consistent full potential linear muffin-tin orbital 
(78) and first-principles projector-augmented wave (79) methods are also shown in Fig. 6. 
These calculations take into account properly the layered structure (78,79), the SiO2 
barriers (79), and the strained c-Si/c-SiO2 interface (79) and differ from the predictions of 
earlier theoretical models that have relied mostly on a simple H-termination of an isolated 
Si nanocluster (80,81).  In these theories, the band gap energy is that of bulk c-Si (1.1 eV) 
in the limit of ultrawide quantum wells, which contrasts with that of d-Si (1.6 eV). The 
experimental results for peak 2 are in remarkable agreement with theory, confirming the 
origin of this peak as intrinsic quantum-well emission from c-Si and validating the 
theories. The strong dependence on Si layer thickness evident for thicknesses less than 
1.5 nm indicates why peak number 2 was not observed experimentally for larger layer 
thicknesses (> 2 nm) due to the cut-off in the instrumental response. The higher energy 
gaps, E1 and E2, of c-Si were also investigated by spectroscopic ellipsometry for these 
samples, but contrary to the fundamental band gap behavior no significant variation with 
well thickness was observed (82). 
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Figure 8.  Energy of PL peak number 2 versus the measured energy gap for single c-Si/a-
SiO2 quantum wells. The straight line is an error-weighted least-squares fit to the data. 
 

The experimental energy gap for these samples has been determined previously by X-
ray techniques, as reported in Ref. 70. The PL energy of peak number 2 increases in 
accord with the increasing energy gap with decreasing Si layer thickness, as shown in Fig. 
8 (75). A least-squares error-weighted linear fit to the data yielded a zero intercept of -0.2 
± 0.8 and a slope of 1.3 ± 0.5 for the relationship between the PL and band-gap energies. 
This, within error, is the direct proportionality expected for true quantum confinement 
induced PL (50,83). Thus these experimental results provide the first verification of such 
theories and vindicate the approaches taken and their associated approximations. These 
theories can now be applied with confidence to enumerating other properties of the c-
Si/SiO2 system and analogous structures. 

 
The data for peak number 1 in Fig. 7 are a good fit to a constant energy of 1.82 eV. 

Such a behavior negates assignment to light emission within the quantum well. 
Experimental studies of carrier recombination in oxidized silicon nanostructures have 
shown similar weak trends with change in Si nanocrystal size (84). In particular Wolkin 
et al. (40) observed a dramatic drop in the confined PL energy for small Si dot diameters 
(< 2 nm) when the silicon was oxidized and attributed this red shift to recombination 
involving a trapped electron or exciton. By analogy with these results and others where a 
PL peak near 1.8 eV is commonly observed (27,84), the PL mechanism in our samples is 
similarly attributed to trapped state emission at the c-Si/a-SiO2 interface. This mechanism 
would account for the observed very weak confinement effect on peak number 1. 

 
Subsequent work by Cho et al. (69) has confirmed the observation of quantum 

confinement induced PL from c-Si/a-SiO2 wells produced by high temperature thermal 
oxidation of ELTRAN SOI wafers, but in this case weak or no interface mediated PL was 
seen. Most remarkably, stimulated emission from such a single c-Si/a-SiO2 quantum well 
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has been observed by Saito et al. (85,86) using electrical pumping in a device constructed 
entirely with conventional CMOS technology, but so far no lasing action has been 
reported. 
 

Super Unit Cell 

 
In recent times, through employing novel band gap engineering computations, 

entirely new Si/Ge (87) and Si (88) structures possessing direct gaps have been proposed.  
The former structure is based on constructing a new super unit cell comprised of multiple 
epitaxial layers of Si and Ge grown on (001) Si1-xGex with x !�"���#87) while the latter 
structure comprises a metastable cubic Si20 phase with a quasi-direct band gap of 1.55 eV 
(88). According to �$%&�'	� et al. (87), a SiGe2Si2Ge2SiGen superstructure on Si0.4Ge0.6 
should have a direct and dipole-allowed gap of 0.863 eV, which is ideally suited for 
optical fiber data transmission applications. 

 
To investigate the first proposal, two similar samples have been prepared by quite 

different growth methods: molecular beam epitaxy (MBE) and solid phase epitaxy (SPE). 
In both samples the SiGe2Si2Ge2SiGe12 superstructure was grown on a 5 µm thick relaxed 
buffer layer of Si0.4Ge0.6 on a 750 µm thick (001) Si substrate (8,89). 
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Figure 9.  (a) Curve-resolved PL spectrum of the SPE-grown sample at 6 K obtained with 
405 nm excitation. (b) Curve-resolving results obtained near the 871-meV PL peak. The 
solid line shows the fit to the PL data, while component lines are shown underneath. 
 

Characteristic PL results, as obtained for the SPE-grown sample at 6 K, are shown in 
Fig. 9. Four strong peaks are seen at 728.9, 758.1, 791.8, and 823.1 meV and a much 
weaker peak at 871.4 meV [Fig. 9(b)]. A fit to the PL results obtained from the same 
sample at 20 K yielded strong peaks at 724.2, 756.5, 781.6, and 812.6 meV and a weak 
peak at 869.1 meV. Similar results were obtained from fits to the MBE-grown sample 
spectra, which were less intense (8,89). 

 
Given the quite close agreement in energy, the weak peak at 0.871 eV is the expected 

dipole-allowed direct-gap transition predicted to be at 0.863 eV in the superstructure. 
This peak can be anticipated to be quite weak in PL owing to the fact that this composite 
�	?�
�����
@��@
������@
��	������������?�����Q@��������$�����Y��%�	
��Z
�������@���
�	���?�
arising from the standard error in the fits (~4 meV), the remaining small difference in 
energy between theory and experiment could easily be the result of a difference in strain 
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within the layer in the sample compared with the ideal (perfect) modeled structure or 
arise from assumptions made for parameter values in the model. 

 
Because of their high intensity, the other four peaks must arise from the Si0.4Ge0.6 

relaxed buffer layer, which is the thickest component of the structure apart from the Si 
substrate itself that contributes only very weakly to the PL. The energies of the peaks, 
however, are much lower than that expected for a bulk Si0.4Ge0.6 alloy where the indirect 
energy gap is 971 meV (90). The energy separations and general appearance of these 
peaks is reminiscent of PL that has been attributed to the presence of various dislocation 
defects (i.e., the four so-called D-lines) in Si (91�94) and SiGe alloys (91). These PL 
features are quite sharp in Si (91,92), but are much broader in higher Ge-concentration 
alloys (95). It is therefore most likely that this PL arises predominately from dislocations 
formed during the growth of the relaxed alloy buffer layer on the Si substrate. 

 
In summary, experimental evidence has been obtained of the predicted direct-gap 

optically-allowed transition in a specially engineered supercell comprised of a number of 
ultrathin layers of Si and Ge. For two quite differently prepared samples, a peak is 
observed at 0.871 eV, which is very close in energy to the theoretically predicted direct 
gap of 0.863 eV for this particular structure. Unfortunately, from a room temperature 
device point of view, the peak is only observable presently at low temperatures (< 25 K). 
 

Three-Dimensional SiGe Nanostructures 

 
An overview of earlier work on light emission from SiGe nanostructures in general, 

including quantum wells, wires, and dots, has been given elsewhere (96). Here, we 
provide an overview of recent continuous-wave (CW) and time-resolved PL 
investigations of the recombination dynamics of three-dimensional (3D) Si/Si1-xGex 

multilayer nanostructures grown by MBE (9,10). The measurements were performed on 
Si/Si1-xGex nanostructures where a single Si1-xGex nanometer-thick layer (NL) is 
incorporated into Si/Si0.6Ge0.4 3D-cluster multilayer (CM) structures. 
 
Wavy Nanolayer 
 

Figure 10(a) shows a dark field transmission electron microscope (TEM) image and 
spatial position of an energy-dispersive X-ray spectroscopy (EDX) scan for the two 
Si/SiGe cluster layers closest to the Si-substrate of a multilayer structure [see Ref. (9) and 
references therein]. The EDX data show that the Ge atomic concentration at a Si/SiGe 
hetero-interface increases from 0 to ~35 at. % within a distance d 
������^_����10(b)]. In 
contrast, Fig. 11 shows corresponding data for the two top Si/SiGe clusters layers, where 
the Ge atomic concentration reaches ~35 at. % within a much shorter distance d 
�`�����
It is very clear that the topmost Si/SiGe cluster layers in this specially engineered sample 
(note the increased thickness of the second-to-top layer) have more abrupt Si/SiGe 
hetero-interfaces compared to those in bottom layers, closer to the Si substrate. 
 

ECS Transactions, 89 (3) 3-35 (2019)

14
) l CC Li i l ( b t t)dl / it /tdd R di t ib ti bj t t ECS t f (128 235 251 160D l d d 2019 05 25 t IP



(a) (b)

SiGe

Si

0

10

20

30

40

50

0 2 4 6 8 10

G
e 

co
nc

en
tr

at
io

n 
(a

t %
)

Distance (nm)

d

 
 
Figure 10.  (a) A high angle annular dark field scanning transmission electron microscope 
(HAADF-STEM) micrograph showing the 1st and 2nd bottom SiGe cluster layers 
(counting from the Si substrate) and EDX scan position (arrow). (b) EDX measured Ge 
atomic concentration at the 2nd bottom Si/SiGe cluster layer hetero-interface. The 
interface abruptness d (which is the distance between pure Si and SiGe with the nominal 
Ge-concentration) is indicated. 
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Figure 11.  (a) A HAADF-STEM micrograph showing top SiGe cluster layers and EDX 
scan position (arrow). (b) EDX measured Ge atomic concentration at the topmost Si/SiGe 
cluster layer hetero-interface. The interface abruptness d is indicated. 

 
The PL spectroscopy measurements [see Fig. 12(a)] are consistent with the TEM and 

EDX data. Using photoexcitation of 405 nm wavelength (which has a penetration depth 
of ~100 nm), we observe a PL spectrum with a full width at half maximum (FWHM) of 
~130 meV. At the same time, using photoexcitation with a wavelength of 325 nm (with 
an estimated penetration depth of ~10 nm), we find the PL spectrum slightly shifted to 
lower photon energy and with a significantly reduced FWHM (~100 meV). This result 
clearly indicates that SiGe cluster composition and Si/SiGe interface abruptness (Figs. 10 
and 11) are also reflected in the PL spectra: in top-most SiGe layers, a higher Ge- 
composition results in the PL peak shifted toward lower photon energy, and the more 
abrupt Si/SiGe interface is responsible for the reduced FWHM of the PL peak (97). 
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Figure 12. (a) Normalized PL spectra (shifted for clarity) collected at different (indicated) 
excitation wavelengths. (b) PL decays measured at 0.78 eV under ~6 ns duration pulsed 
excitation at the wavelengths indicated. (c) PL intensity as a function of excitation energy 
density at different excitation wavelengths. The sample temperature was 15 K. 

 
Figures 12(b) and (c) compare PL lifetimes and PL intensity as a function of 

excitation energy density measured under pulsed laser excitation with a pulse duration of 
~6 ns. We find that PL excited at 532 nm and recorded at 0.78 eV (which originates from 
the lowermost Si/SiGe cluster layers) has a lifetime approximately 100 times longer 
compared to the same PL excited using 355 nm (PL from the topmost Si/SiGe cluster 
layers). The PL lifetime for 3D SiGe nanostructures is less than 20 ns, and it is 
independent of excitation energy density until a very high level of excitation. With the PL 
decays produced under 355 nm excitation where the energy density varied from 10-5 to 
5×10-2 J/cm2, no changes in the PL lifetime are found until the Auger limit has been 
reached, with a carrier concentration approaching ~ 1019 cm-3 [see Fig. 12(c) and Ref. 
(98)]. On the contrary, the PL decay under 532 nm excitation quickens while the PL 
intensity saturates as a function of excitation energy density. Also, we find a dramatic 
difference in the PL intensity as a function of excitation energy density for excitation at 
different wavelengths: the PL intensity under 532 nm excitation quickly saturates [in 
agreement with Refs. (98) and (99)], while under 355 nm excitation the PL intensity is 
linear versus excitation intensity for many orders of magnitude [Fig. 12(c)]. 

 
The results presented here clearly demonstrate that in Si/SiGe 3D nanostructures the 

PL peaked near 0.78 eV strongly depends on the Si/SiGe hetero-interface abruptness. Our 
measurements show that in MBE-grown low defect density 3D Si/SiGe nanostructures a 
transition from pure Si to Si1-xGex with x 
� "�`�0.4 may require an interface width of 
more than 5 nm. These diffused type II Si/SiGe hetero-interfaces are responsible for 
significant (d > 5 nm) electron-hole spatial separation and slow PL, which cannot 
compete with Auger recombination even at low excitation intensities. However, by 
engineering more abrupt Si/SiGe hetero-interfaces with d 
�`��������Z����	 PL lifetime 
of < 20 ns, which is only a little longer than that found in direct band-gap III-V 
semiconductors. This extremely fast PL has a quite high quantum efficiency, which, in 
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contrast to previously reported results from similar nanostructures, remains constant over 
many orders of magnitude of excitation intensity. 
 
Planar Nanolayer 
 

Figure 13(a) shows a TEM image of the sample structure, which consists of a Si 
substrate (not shown in the figure), a Si1-xGex �@ZZ�
��	?�
������{�
��"�	���|�#���������	
��
at the bottom of the figure), eight repeats of Si1-xGex cluster (up to 10 nm thick) and Si 
layer pairs, a single 4-5 nm thick Si1-xGex planar NL followed by a thin Si layer, and a 
final Si1-xGex cluster layer topped with a Si capping layer (9). The size of the SiGe 
clusters and thickness of the NL obtained from the TEM measurements is confirmed by 
EDX measurements, as shown in Fig. 13(b). Also, the EDX scan shows that the Si1-xGex 
NL composition is relatively uniform with x 
� 	��� }|� while in the Si1-xGex clusters x 
increases from ~5 at. % at the SiGe cluster/Si interface to 40 at. % near the cluster center. 
 

0 10 20 30 40

0

20

40

60

80

100
C

o
n

c
e
n

tr
a
ti

o
n

 (
a
t%

)

Z (nm)

Si

Ge

Top SiGe
Cluster layer

SiGe 
NL

 
 
Figure 13. (a) HAADF-STEM image showing the Si/ Si1-xGex NL/CM nanostructure with 
the very thin Si1-xGex NL fourth from the top (Si) layer, and (b) EDX measured 
������������ �Z� ���� �	����$�� ��{� �������� �	?�
��� ���� 	

��� ������ ���� ��
������� �Z� ����
EDX scan. The scale bar in the TEM image is 20 nm in length. 
 

Figure 14(a) compares the PL dynamics associated with Si1-xGex NL and Si1-xGex 
clusters using 355-nm wavelength and 6-ns duration pulsed-laser excitation with an 
energy density of ~50 mJ/cm2. Nanolayer PL from the sample peaked at 0.92 eV and 
rises faster than the system time resolution, while CM PL, which peaked at 0.8 eV, has a 
rise time close to 2�3 µs. Analogous to the wavy layer case, the PL peaked at 0.92 eV is 
also found to be decaying much faster compared to the PL peaked at 0.8 eV. Non-
exponential decays are found for both PL bands of the Si/SiGe CMs. The observed non-
exponential PL decays suggest that in both cases the carrier recombination processes are 
characterized by a time-dependent recombination rate, Ri. Figure 14(b) presents the 
recombination rate extracted from the PL decay data as a function of time. The 
recombination rate for the PL band peaked at 0.8 eV is ~105�104 s-1, and it is in the range 
of 106�107 s-1 for the 0.92 eV band. 

 
At a higher excitation energy density, the PL peaked at 0.92 eV dominates due to the 

PL intensity linear dependence versus excitation energy density compared to the sub-
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linear dependence of the 0.8 eV peaked PL, just like in the wavy layer case. The linear 
dependence of the 0.92 eV peaked PL intensity versus excitation energy density indicates 
that the measured recombination rate of 106�107 s-1 is mostly due to radiative 
recombination. Since radiative recombination competes with Auger recombination, the 
long-lived PL should saturate sooner compared to the short-lived PL. On the other hand, 
the 0.8 eV PL rise time as a function of excitation energy density shows different 
behavior at low and high excitation energy densities (10). The observed PL rise time of 
~2�3 µs is much longer than the laser pulse (~6 ns). This unusually long PL rise time 
could be associated with an Auger-assisted carrier spatial redistribution in Si/SiGe 
nanostructures known as the Auger fountain (100). The temperature dependence of the 
PL rise time at high excitation density (~50 mJ/cm2) also confirms that the Auger 
fountain could be responsible for the unusual PL dynamics (101). 
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Figure 14.  (a) Low temperature (17 K) time-resolved PL decays under pulsed excitation 
energy density of 50 mJ/cm2 recorded at photon energies associated with Si1-xGex NL PL 
(~0.92 eV) and Si1-xGex cluster PL (~0.8 eV). (b) Carrier recombination rate as a function 
of time calculated using the PL decay data. The fast and slow PL decays are from the NL 
and clusters, respectively. 
 

Non-exponential PL decays have been reported previously in Si/SiGe NSs, and they 
were fitted variously by a stretched exponential function exp[(�t/�)�], a power function 
1/(1 + �t)m, or multiple exponential decays (98,102,103); however, the underlying 
physical mechanism involved has not been identified. It has been pointed that the 
stretched exponential PL decay is observed in a wide variety of systems and although it 
provides a good empirical fit, it most likely has no fundamental significance (104). 
Instead, we extract the recombination rate directly from the PL decays without using any 
assumption or a specific model. Figure 14(b) shows that initially both PL bands have 
almost time-independent recombination rates with corresponding single-exponential 
decays of ~3×107 s-1 for the PL band peaked at 0.92 eV and ~9×104 s-1 for the 0.8 eV PL 
band (most likely due to the limited system time resolution). As time increases, the 
recombination rate decreases, and Ri(t) ~ t-� with � 
�"�}��Z�
���� PL band peaked at 0.92 
eV and � 
�"����Z�
���� PL band peaked at 0.8 eV. 
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We assume that the holes are localized within SiGe and the electrons are located in Si, 
which is due to the type II energy band alignment at the Si/ Si1-xGex hetero-interface. Just 
as in the donor-acceptor pair (DAP) recombination model (105), we explain the electron-
hole time-dependent recombination rate by assuming that it depends on the average 
distance separating electrons and holes, ae-h. The recombination-rate distance dependence 
is expressed as  
 

     [2] 

 
where R0 and ae-h are the maximum recombination rate [~ 108 s-1, see Fig. 14(b)] and a 
minimal radius of the localized exciton at the Si/ Si1-xGex hetero-interface (~1.5 nm), 
respectively. In the Si1-xGex NL with x ~ 8 at. %, we find ae-h �� �� ��� #������ ���
comparable to the thickness of the Si1-xGex NL) while in Si1-xGex CMs with 0 ��x ���"�
at. %, we find 9 nm < ae-h < 14 nm (Fig. 15). These results are in good agreement with 
the TEM and EDX data (see Fig. 13). 
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Figure 15.  Carrier recombination rates (dots) extracted from the experimental data as a 
function of the distance between electrons and holes for photon detection energies 
associated with Si1-xGex NL PL (~0.92 eV) and Si1-xGex cluster PL (~0.8 eV). The solid 
line is the theoretically calculated electron-hole recombination rate. 
 

In summary, these experiments have shown that two quite different Si1-xGex NLs 
incorporated into a Si0.6Ge0.4 CM structure exhibit an intense PL signal with a 
characteristic decay time as much as 1000 times shorter than that observed in Si/SiGe 
CMs. The experimentally observed non-exponential PL decays in Si/SiGe nanostructures 
can be explained as being due to variations of the distances separating electrons and holes 
at the Si/SiGe hetero-interface. It is seen that an abrupt Si/Si1-xGex hetero-interface 
reduces the carrier radiative recombination lifetime and increases the PL quantum 
efficiency, making these Si1-xGex NL/CM nanostructures promising candidates for 
applications in CMOS compatible light-emitting devices. 
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SiGe Nanowire Arrays 

 
Semiconductor nanowires (NWs) are thought of as promising building blocks for 

opto-electronic devices that exploit their novel electronic band structures generated by 
two-dimensional (2D) quantum confinement in conjunction with their associated optical 
properties (106�108). However, in order to fully implement these new properties, strict 
control is needed over the NW location, uniformity, composition, and size. Many of the 
existing NW growth methods have led to NWs possessing non-uniform diameters and 
lengths and that are haphazardly oriented and randomly positioned (109). An efficient 
and simple electrochemical process has been developed that combines focused-ion-beam 
(FIB) lithography and galvanic reaction to selectively synthesize gold nanoparticles in 
well-defined locations that are subsequently used for the MBE growth of ordered Si1-xGex 
NW arrays with predefined NW positions and diameters (11), as shown for example in 
Fig. 16. Here we summarize the optical properties of such MBE-grown well-ordered 
NWs. 

 
Three NW samples were prepared for this study (11): Sample (A), where the NWs are 

grown randomly across the Si substrate; sample (B), where the nanowires decorate the 
edges of 400x400 µm2 boxes; and sample (C), where the NWs fill 400x400 µm2 boxes in 
ordered arrays, as described above. These samples have NWs that have a nominal Ge 
concentration of x = 0.15 and are 200 nm in diameter and 200 nm long, with a 
morphology similar to the Si NWs shown in Fig. 16. 

 

 
 

Figure 16.  Scanning electron microscope (SEM) images of the ordered arrays of Si NWs 
showing (left) a NW array and (right) individual 200 nm long NWs. 
 

The temperature dependence of the PL spectrum obtained from sample (C) is shown 
in Fig. 17. PL spectra with similar temperature dependences were obtained from the other 
samples. Figure 17 shows that the NW spectral region of interest (from approximately 
950 to 1050 meV) is dominated by the boron (~1017 cm-3) doped Si-substrate phonon-
replica spectrum at the lowest temperatures (6 and 10 K). Upon increasing the sample 
temperature up to 20 K, the Si-substrate PL becomes sufficiently quenched from the 
increasing dissociation of multiple-donor bound excitons within the substrate (110) such 
that the underlying NW PL is more readily seen. By 25 K, only one sharp line at 1092.5 
meV due to the Si substrate remains. Although their spectra were quite similar, the 
overall intensity of the NW PL varied from sample to sample; sample (C), with a higher 
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density of NWs distributed within the array, was the strongest, while sample (A) with a 
random distribution of NWs was the weakest. 
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Figure 17.  Temperature dependence of the instrument-response-corrected PL spectrum 
obtained from sample (C) with excitation at 405 nm. 
 

The NW PL is strong considering that the volume of NW material is so small (each 
wire has a volume of 0.006 µm3) and thus the carriers have to be recombining efficiently 
within the wires to produce this level of light emission at the SiGe-alloy band gap energy. 
We know from earlier studies of SiGe etched wires (111) and dots (96) that just the 
spatial confinement of carriers is sufficient to produce the readily-observed PL found 
here. This implies that the carriers in these samples are not being lost in large numbers to 
the substrate or recombining in large quantities at defects inside or on the surface of the 
NWs. The wires are too large in diameter for a quantum confinement induced energy 
shift in the band gap, but the phonon energies could be affected slightly by confinement 
and surface effects (112). The wires are grown free-standing and thus there should be no 
internal strain (i.e., bulk-like energy values should be observed). 

 
Further details about the PL spectra can be obtained from spectral curve resolving, 

Such an analysis using a Gaussian line shape revealed that there are four major features 
in the energy range of interest (see Fig. 18 for typical results obtained at 25 K). In order 
of increasing energy, they are readily assigned to the NW free-exciton transverse-optic 
(TO) Si-Si vibrational mode, NW free-exciton transverse-acoustic (TA) phonon, Si-
substrate-bound-exciton TO phonon and NW free-exciton no-phonon (NP) lines, 
respectively (90,110). The amplitude ratio for the TO/TA peaks is much the same in the 
three samples, as would be expected if both lines arose just from the NWs and that the 
NWs were of similar composition in all samples. The fitted frequencies and line widths 
for the respective NW and Si TO mode lines are the same within error. Interestingly, the 
free-exciton NP line intensity relative to its phonon replicas (TA and TO lines) in these 
NWs is much more intense than that found in bulk Si, but is somewhat lower compared 
to what is observed in bulk alloy material of a similar composition (90). 
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Figure 18.  Curve-resolved PL spectrum of sample (C) at 25 K obtained with 405 nm 
excitation. The solid line shows the overall fit to the PL data, while the three SiGe NW 
component lines are shown beneath the fitted spectrum. The very sharp line at 1092.5 
meV arises from the Si substrate. 
 

From the fits to the sample with the strongest PL [sample (C)], the NW TA and TO 
phonon energies are found to be 15.7 ± 1.8 and 57.8 ± 0.6 meV, respectively, which 
agree very well with the values expected for bulk Si1-xGex with x = 0.15 of 18 ± 1 and 58 
meV, respectively (90). The measured NW free-exciton NP energy of 1099 meV would 
indicate a Ge concentration of x = 0.14 (giving an X-point energy gap of 1099 meV in 
bulk SiGe) (90). Thus the positions in energy of the NP peak and those of the 
accompanying phonon replicas independently confirm the alloy concentration as being x 
= 0.15 ± 0.01. 

 
In summary, the readily-observed PL arising from the SiGe NWs indicates they are 

clean (i.e., contain few growth defects and impurities) and are electrically isolated from 
the substrate. They are not strained to any significant extent and x for these samples is 
confirmed from the PL to be 0.15. These NWs with their well-controlled position, 
composition, and size and their efficient luminescence exhibit relevant features that are a 
significant improvement in quality over those produced by other vapor-solid-solid growth 
methods and that could be useful for applications in optoelectronic nanodevices. 
However, their mass production in current CMOS production lines would be problematic.  
 

Optical Emission from Germanium Nanocrystals 

 
Previously, a very intense, low temperature PL with a long lifetime has been observed 

in numerous samples of MBE-grown Si1-xGex (SiGe) epitaxial layers with x ranging from 
0.05 to 0.53 (113). Efficiencies in the 5% range � unheard of for group IV materials � 
were observed. This PL was neither defect nor dislocation related, and was suspected to 
be due to carrier localization effects. We have shown recently (114) that the PL is 
characteristic of self-assembled Ge nanocrystals (NCs) contained within the alloy 
epilayers through an investigation of its concentration dependence, both experimentally 
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and theoretically. The occurrence of these strained Ge NCs is confirmed through Raman 
spectroscopy measurements. 

 
As can be seen in Fig. 19, the PL that we attribute to Ge NCs consists of a broad peak 

with an asymmetry to low photon energies. This peak displays little variation in shape 
with Ge-fraction and tracks the band gap (BG) variation, but is ~100 meV below the 
indirect SiGe BG.  If the material were Si or SiGe, the width of the peak at ~50 meV 
would be too small for it to be due to a no-phonon (NP) line with its transverse-optic 
(TO) phonon replica, as the NP-TO spacing is about 58 meV for those materials. Figure 
19 shows that for higher Ge-fractions the PL is emitted at energies significantly below 
those for bulk Ge, with its indirect BG of 744 meV at low temperatures. The origin of 
this broad, intense PL peak has remained unexplained, until now. In Fig. 19 we display 
low temperature PL from three SiGe samples and bulk Ge. For the spectrum in trace (a), 
the result is also illustrated with the results of curve fitting using two Gaussian peaks for 
the broad PL peak. 
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Figure 19.  Low temperature PL from (a)-(c) three Si1-xGex samples and (d) bulk Ge. For 
the spectrum in trace (a), the result is also illustrated with curve fitting using two 
Gaussian peaks for the broad PL peak. 

 
As is shown in Fig. 19#	��� ���� �
�	�� ��	Y$�� ������ 	��� 	�?����
��� ��	��� �	�� ���

curve-resolved into two symmetric peaks, separated by ~35 meV, i.e., very near the 
momentum conserving TO phonon energy for Ge. The NP peak is wide (25-45 meV) due 
to NC confinement variations arising from size variability and to alloy disorder 
broadening in the SiGe. In Ge-dots, we expect two main PL peaks; a NP line and a 
longitudinal-acoustic (LA) phonon replica line, separated by about 28 meV. So the NP-
phonon replica energies provided by curve resolving are relatively close to that (28 meV) 
for the most intense (LA) phonon replica for Ge, but differ very significantly from the 
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corresponding energy of the strongest (TO) phonon replica for Si and SiGe, which, in 
both cases, is 58 meV. We also notice inhomogeneous broadening due to size effects and 
that the NP peak is relatively large, as would occur for a high degree of carrier 
localization in Ge NCs. 
 

�

Si

SiGex

Ge

In-Plane Compression

x<0.36 x>0.36

 
 
Figure 20.  Cross-sectional schematic for the x-z plane of a lattice matched Ge NC within 
a Si1-xGex epilayer on Si(001). 
 

An examination of the available experimental evidence indicates that a possible cause 
of the broad peak is imbedded Ge NCs within the SiGe layers (see Fig. 20). The 
formation of such NCs was shown in TEM studies (113) and by Raman spectroscopy 
(114). Referring to Fig. 20, we see that ideal epitaxial growth means that the SiGe 
epilayers and the Ge NCs be lattice matched to Si (001) in the x-y plane, so that both the 
SiGe and NCs are under compression in that plane. However, the growth of SiGe is 
unconstrained in the vertical (z) direction. As is well known, the SiGe epilayer is under 
tensile strain in this direction, leading to a vertical lattice constant that increases with Ge 
fraction and is larger than that for unstrained SiGe. Here the volume of the unit cell for 
the epitaxial SiGe layer is assumed to be the same as that for unstrained cubic (bulk) 
SiGe. An important assumption is that the lattice constant of the Ge NCs matches that of 
the SiGe in all three directions, i.e., including vertically.  For relatively dilute SiGe, the 
Ge NCs are under compression vertically, but for increasing Ge-content in the SiGe 
epilayer the vertical lattice constant of the strained SiGe eventually exceeds that of bulk 
Ge. At the point where the vertical strain in the Ge NC first becomes tensile, the Ge- 
fraction in the SiGe is 0.36. With these constraints we can write down an expression for 
the strain in the z direction within the Ge NCs as: 

 
 �z = (cGe � cSiGez)/ cGe                    [3]  

 
where cGe is the bulk Ge lattice constant (5.658 Å) and cSiGez is the strained lattice 
constant in the vertical direction for tetragonally distorted SiGe material, which is lattice 
matched to Si in the horizontal plane. Note that the strain value is negative for 
compression and positive for tension. With increasing x, this lattice constant varies from 
5.431 to 6.141 Å as given by the following expression: 
 

  cSiGez = (cSiGeu)3/(cSi)2                                                             [4] 
 
where cSi is the lattice constant for Si (5.431 Å). Here cSiGeu is the lattice constant for 
cubic (unstrained) SiGe given by: 
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  cSiGeu = cSi + c1x + c2x2                                                          [5] 
 
where x is the Ge fraction. In this quadratic equation, the symbols c1 and c2 represent  
constants equal to 0.2 and 0.027, respectively (115). Strain versus Ge-fraction is thus 
easily derived for the vertical (z) direction as shown by the horizontal scale at the bottom 
of the graph in Fig. 21. 
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Figure 21.  No-phonon line PL peak energy and bandgap (direct and indirect) energies of 
Ge versus Ge NC vertical strain. For the indirect gap under tensile strain, the energy has 
been calculated using the deformation potential (DP) and tight bonding (TB) theories. 
 

  Strain has a relatively large effect on the material bandgap energy, with compression 
generally increasing this energy while tension reduces it. A relatively simple method for 
calculating this effect is to use deformation potential (DP) theory, which employs linear 
relationships between strain and the direct and indirect bandgaps, as per: 

 
EBG = A + B�z                                       [6] 

 
Here, for strain expressed in per cent, the intercept and slope in the linear equation are 
880 and -79.3 meV for the direct bandgap and 740 and -45.5 meV for the indirect one at 
low temperatures (116). For example, for a tensile strain of 2 %, the direct BG energy is 
721 meV and the indirect BG is 649 meV. 
 

 From DP theory, as the strain becomes more strongly tensile both the direct and 
indirect gap energies decline, with the direct energy decreasing more rapidly than the 
indirect one. As shown in Fig. 21, the direct gap energy crosses over the indirect gap 
energy at a tensile uniaxial strain of 4 %, resulting in Ge becoming a direct gap 
semiconductor, a highly desirable outcome. Our results with PL point the way to this 
transition point, but the maximum vertical tensile strain for the present Ge NCs is not 
much greater than 2 %. Nonetheless, the fact that we see PL below the indirect BG of 
bulk Ge is explained by these particular Ge NCs being under tensile strain vertically, 
which reduces their Ge BG. There are other nonlinear models for the bandgap energy 
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such as the tight binding (TB) model (116), for which Fig. 21 contains the indirect 
bandgap calculation under tensile strain. 

 

  For the bandgap curves calculated versus strain in Fig. 21 the effects of quantum 
confinement have not been included. The data points were obtained by curve resolving 
the PL of the MBE-grown SiGe samples. In Fig. 21 the points are Ge NC NP PL peak 
energies and the solid lines are the direct and indirect NC BGs (Equation 6). The NP 
experimental peak energies have been obtained from the broad PL distributions by fitting 
Gaussian functions to the observed PL spectra. In Fig. 21 we note that the data falls 
generally above the indirect energy BG for uniaxially strained Ge, a differential which is 
most likely due to quantum confinement, as will be discussed next. This is a difference 
that appears to decrease as compression decreases, although there are only a few points 
for the larger tensile strains. The energy uncertainties in the data points are those obtained 
from curve resolving the PL peaks. The strain uncertainties for these points are derived 
from the X-ray diffraction measurements of the composition and thickness of the SiGe 
layers. 

 
One point for discussion is whether or not quantum confinement for a reasonable 

range of NC sizes can account for the PL being at the energies above the strained bulk Ge 
indirect BG, as we see in Fig. 21. This difference is in the 50 to 150 meV range with an 
average of 103.4 meV. So we are asking whether such values are reasonable for quantum 
confinement effects in the Ge NCs. With the simple model described above we can 
provide an answer by calculating the size of the confinement effect versus NC size, 
quantum well thickness, and composition. In general it was found that the variation of 
NC confinement energy with thickness of the host SiGe was not that large (< 5 meV) and 
the variation with Ge-fraction although larger was not a major contributor to the 
difference. For example, the NC confinement shift for a 1.5 nm NC in a 5 nm thick well 
was 110 meV for a Ge-fraction of 0.15 and 130 meV for a fraction of 0.50, everything 
else being equal. However, NC sizes in the range from 1 to 3 nm � corresponding to 
confinement energies from 120 to 50 meV � can indeed account for all the blue shifts 
from the predicted Ge NC BG that we see in the PL energies. This means that 
confinement shift provides a likely explanation for the difference seen between the 
measured PL energy and the NC bandgap and we estimate that the NC size varies from 
about 1 nm for a compressive strain of 4 % to 3 nm for tensile strain of 2 %. 

 
The Raman spectroscopy results obtained from a representative set of samples were 

curve-fitted to obtain the various mode frequencies (114). The concentration dependence 
of the Ge-Ge (arising from the Si1-xGex alloy layer) and Ge (arising from the Ge NCs) 
mode frequencies are shown in Fig. 22. These data are consistent with the results of an 
earlier study (117). The existence of a sharp, although weak, Ge line in all spectra 
confirms the presence of Ge NCs in all of the samples studied by Raman spectroscopy. 
The approximately linear shift in frequency with x is a result of the strain in the alloy 
layer in the sample growth (z) direction, which is the primary direction of phonon 
propagation sampled in the Raman back-scattering experiment. 

 
From Chen et al. (118), the Ge-Ge phonon mode frequency �Ge-Ge in Si1-xGex, as seen 

by Raman scattering, depends on the germanium fraction x and strain � as follows: 
 

�Ge-Ge = 282.5 + 16x � 385�.       [7] 
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For the Ge NCs, x is equal to unity. In the vertical direction the relevant strain, �z, for the 
NCs is given by Equation 3, leading to the red line in Fig. 22, in which the phonon 
frequency declines from 312 to 290 cm-1 as x increases from 0.1 to 0.55. In the x-y plane 
the NC strain is compressive and constant at -4.18 %, because the NCs are lattice 
matched to Si in this plane. Hence in the x-y plane, the NC Raman frequency is not 
expected to vary with Ge fraction in the surrounding SiGe, as shown by the green 
horizontal line at a Raman frequency of 314.6 cm-1 (calculated as per Equation 7) in Fig. 
22. 
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Figure 22.  Concentration dependence of the zone-center Ge-Ge and Ge phonon mode 
frequencies, obtained from Raman scattering. For example, the blue points (�) 
correspond to a Ge-Ge mode in the Si1-xGex. 

 
In the x-y plane for the SiGe layers, the increasingly compressive strain causes the 

Ge-Ge Raman mode frequency to rise with Ge-fraction, as is apparent for the blue line in 
Fig. 22 for which the frequency goes up from 285 to 300 cm-1 when the Ge-fraction 
changes from 0.1 to 0.55. In the vertical (z) direction the strain is tensile in the SiGe 
layers and increases with Ge-fraction, which progressively suppresses the Ge-Ge phonon 
mode frequency, as seen in the black line below 280 cm-1 in Fig. 22. The theoretical 
predictions are in general agreement with experiment, as can be seen in Fig. 22, which 
confirms our assignments and the presence of Ge NCs. 

 
In conclusion, our modelling of the experimental results for the concentration 

dependence of the PL from strained Si1-xGex epilayers for 0.05 < x < 0.55 has shown that 
the intense PL at lower energies arises from imbedded Ge NCs. Such structures show 
promise for use as light emitters in device applications if appropriate growths at high x 
values can be engineered to introduce the predicted transition to a direct band gap within 
strained Ge NCs for x-values greater than 0.65. 
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Other Nanostructures 

 
 A general overview of experimental and theoretical research into the optical 
properties of both crystalline and amorphous nanostructures formed from both Si and Ge 
has been given recently by Barbagiovanni et al. (112). Several of the most-recently-
published papers providing new information in this field of research are profiled next. 
 

Germanium Light Sources 
 

Germanium nanostructures have shown considerable promise for light emitting 
applications, as the indirect band gap of Ge can be converted to a direct one through a 
combination of applying tensile strain and appropriate doping at a high level [see, for 
example, the review of this field in Ref. (6)]. Although laser devices based on Ge have 
been demonstrated some time ago, at present there is no ability to produce such devices 
using complementary-metal-oxide-semiconductor (CMOS)-compatible processes (6). 
New information on the optical properties of strained Ge nanostructures has been 
obtained recently from fresh investigations of the intense broad PL produced by self-
assembly during molecular beam epitaxy growth of strained Si1-xGex alloy layers on Si 
(113,114). A theory based on modelling the Ge nanostructures as quantum wires 
reproduces the observed energy shift of the PL and confirms that embedded Ge 
nanocrystals give rise to this light emission via carrier localization in three dimensions. 
By increasing the Ge-concentration of the alloy epilayer(s), the strain felt by the 
crystalline Ge nanostructures can be varied from compressive to tensile with the 
crossover occurring at x = 0.36. Such encapsulated Ge nanostructures are calculated to 
yield a direct band gap for x ! 0.7 and thus are good candidates for the production of a 
laser at near infrared wavelengths.  

 
A different approach to obtaining bright light from Ge has been adopted by Moritz 

Brehm and co-workers (4,119�121). They have explored the properties of disordered-Ge 
quantum dots and found bright light emission at room temperature and even stimulated 
emission, much as was previously observed from disordered and crystalline Si quantum 
wells (51,86,122), but with the added advantage that the emission was at a desirable near 
infrared wavelength in the range 1.3���������rather than in the red for Si quantum wells. 
They have also demonstrated a light emitting diode based on their defect enhanced Ge 
quantum dots (121), which augers well for the integration of these light emitting 
nanostructures into conventional CMOS production lines. 

 
Another novel approach towards improving the intensity of light emission from Ge 

dots is reported by Rutckaia et al. (123). Their method takes advantage of Mie resonances 
in specially constructed Si-based nanostructures, which involves coupling between the 
self-assembled Ge quantum dots and Si nanodisks. The near-infrared PL from an 
embedded dot is considerably enhanced due to a good spatial overlap between its 
physical position and the electric field of a Mie mode. Construction of structures 
containing nanodisk trimers resulted in a further 10-fold enhancement of the light 
emission. Such resonant dielectric nanostructures provide a new CMOS-compatible 
platform for the manipulation of light at the nanoscale. 

 
In another ground-breaking piece of research, Amollo et al. (124) have explored the 

structural, optical, electronic and magnetic properties of reduced graphene oxide�Ge 
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quantum dot nanocomposites. Graphene has been of great interest recently for its 
applications in nanoelectronics and optoelectronics and this paper advances its use in 
developing nanocomposites for such applications. The functionalization of graphene was 
achieved via a single-step microwave-assisted solvothermal synthesis to produce the 
require nanocomposite structure containing quantum confined Ge ad-atoms on reduced 
graphene oxide sheets. The highly crystalline dots were spherical in shape and had 
diameters ranging from 1.6�9 nm. Optical spectroscopy revealed a clear dot size 
dependence of the light absorption in the ultraviolet region, strong and sharp PL at 380 
nm in the ultraviolet, and a moderate intensity and broad emission at 450 nm with a tail 
extending across the visible wavelength region. These results are preliminary, but point to 
interesting possibilities in optoelectronics and the need for further research. From a 
device point of view, these composite nanostructures are readily dispersible in a polar 
solvent, which makes them appropriate for cost effective processing in solution. 

 
The complexities of charge carrier behavior (creation, exchange, and recombination) 

in Ge quantum dots (dimensions: 14 nm across the base and 2.7 nm high) immersed in Si 
have been revealed in detail from a mid-infrared optical absorption study carried out by 
Vorobjev et al. (125). By measuring the variation in the optical transmission spectrum of 
the nanostructures under interband illumination, the authors have found that there is an 
increase of absorption at the long-wavelength edge of the spectrum, which ranges from 
2��� ��, and a decrease of absorption at the short-wavelength edge. The increase of 
absorption is observed for light polarized along the growth direction and is related to the 
contribution of optical transitions involving non-equilibrium holes arising from the 
quantum dot ground state. The decrease of absorption at shorter wavelengths is observed 
for the same light polarization. This effect is proposed to be caused by the suppression of 
interband-like optical transitions between bound states in the valence and conduction 
bands and, interestingly, is essentially a dynamic analogue of the Burstein�Moss effect in 
bulk semiconductors. From an application point of view, it is useful to know that the 
optical transmittance variance related to non-equilibrium charge carriers becomes 
insignificant for temperatures greater than 250 K. 
 
Silicon Light Sources 
 

Silicon nanostructures continue to be subjects of research with regards to 
improving their light emitting properties. Recent work by Vieira et al. (126) has extended 
earlier work on Si/SiO2 multilayers (107) to investigate alloys of Ge with Si in the 
quantum wells, and, after high temperature annealing, thereby produce SiGe nanocrystals. 
By varying the alloy layer thickness from 2�3.5 nm, they were able to change the 
disposition of the alloy layer from isolated SiGe nanocrystals of 3�8 nm in size to a 
continuous layer of crystalline SiGe. However, only weak PL in the range 0.7�0.9 eV 
was observed from the nanocrystals at low temperature. The emission exhibited some 
structure that was associated with the presence of interface states between the crystalline 
nanostructures and the amorphous matrix surrounding them. 

 
Investigations of the optical absorption of Si nanocrystals in single and multilayer 

structures where the nanocrystals were confined between variable thickness SiO2 barrier 
layers have been carried out by Greben et al. (127). The absorption cross-section was 
determined as a function of barrier thickness by using a PL modulation method. A large 
variation of the absorption strength with barrier layer thickness was observed and 
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explained as a consequence of the efficiency of energy transfer between the layers of Si 
nanocrystals and/or defect population states. Such information is important when 
designing structures containing Si nanocrystals for use in next-generation Si-photonics 
and Si voltaic devices. 

 
Recent theoretical (128) and experimental (128,129) work on the optical 

properties of Si nanocrystals has shed more light on the emission mechanisms involved in 
earlier observations reported in 2010 of a red spectral shift and enhanced quantum 
efficiency in phonon-free PL from silicon nanocrystals (130). In the News and Views 
Section of the same issue of Nature Nanotechnology as Ref. (130), Kovalev wrote ��	��
silicon ever be a true direct-bandgap semiconductor? The first observation of a new, 
short-lived PL band Z
��� �������� �	���
?��	��� �ZZ�
�� Z
���� ������ (131), which raised 
expectations for new applications of Si nanocrystals within Si optoelectronics. The new 
theoretical and experimental work of Ref. (128), however, has cast doubt on the 
interpretation of the original experimental work (130). Luo et al. (128) suggest that state 
filling assisted by strong pumping with subsequent fast recombination of multi-excitons 
could be responsible for the red-shifted emission, as higher states are emptied faster for 
smaller nanocrystals. Consequently, the very fast recombination observed in Ref. (130) 
could be attributed to multi-exciton or Auger recombination, and thus is not the highly-
desired direct-band transition. In reply, de Boer et al. (129), after reviewing a number of 
different aspects of the work of Luo et al. (128) and other related works, assert that Luo 
et al. have not untangled the mystery of source of the red-shift in band energy. They think 
that the results of Luo et al.$� modelling actually support their previous assignment of the 
fast PL band as arising from the �-valley character admixture within Si-nanocrystals into 
states with energies below the bulk-Si direct band gap. Clearly, more experimental and 
theoretical work on this topic is necessary before proceeding with any technological 
applications requiring use of a direct band gap in Si nanocrystals. 

 

Conclusion 

 
The development of a light emitter compatible with Si based CMOS circuit 

technology and fast optical interconnects is very important for the upcoming generations 
of microprocessors and computers. Self-assembled Si, Ge, and SiGe nanostructures with 
light emission in the all-important optical communication wavelength range of 1.3�1.55 
��� 	
�� ����	������ ����� ���&������	�� ����� �
�������� 	���� �	���� ��� �
������ 
��@����
obtained with specially engineered structures, are also able to produce the requisite fast 
emission times. The wide variety of new bright sources of PL considered here are 
promising, but not yet ready for applications, and require further research and 
development work. At present, it appears that strained Ge nanostructures are the most 
promising ones for the near-infrared lasers needed urgently for their compatibility with 
fiber optics. 
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